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Tailoring hierarchical microstructures
and nanoprecipitates in additive-
manufactured Al-Zn-Mg-Cu-Nb alloys for
simultaneously enhancing strength and
ductility
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Jiawei Mi 3, Baode Sun1 & David H. StJohn 4

Additive manufacturing provides an efficient way of producing metallic components with complex
geometries. Their microstructure is substantially different to those from conventional processing,
creating opportunities for manipulating the final microstructure and properties via heat treatment.
Here, we demonstrate that as-built heterostructures in an Al-Zn-Mg-Cu-Nb alloy produced during the
solidification of molten pools provide a driving force and additional Zener pinning sources for
recrystallization. This creates a bimodal grain structure after solution treatment, causing additional
hetero-deformation-induced strengthening and hardening. Coarse grains are found to promote work
hardening and blunt the propagate of cracks during deformation, increasing ductility. Together with
precipitation strengthening from a high number density nanoprecipitates, the simultaneous
improvement of strength and ductility in a highly alloyed Al-Zn-Mg-Cu-Nb alloy is achieved. These
results provide a simple strategy for the development of additivelymanufactured age-hardening alloys
with improved strength and ductility for high performance structural applications.

Conventional processing of alloys, usually comprising melting, casting,
homogenization, multiple deformation steps and heat treatment, has high
cost, low efficiency, high energy consumption and significant CO2 emis-
sions. Laser powder bed fusion (LPBF) is one of the widely used additive
manufacturing (AM) technologies, in which an intensive laser beam is used
to melt and fuse the added powder feedstock layer by layer to build a
complex-shaped 3Dobject with littlematerial loss1. Awide range ofmetallic
alloy powders are often used as the feedstock materials in LPBF, including
aluminum, titanium, nickel based high strength alloys and a certain type
of steels.

However,most of the commercial alloyswithhigh strengthhavehigher
weight percentage of solutes with large solidification temperature range,

making them to be susceptible to hot tearing or crack in LPBF process2,3.
Effective grain refinement by in-situ formation of primary phases or direct
addition of heterogeneous nucleant particles (TiB2, TiC, etc.) has been
shown as an effective way to inhibit hot cracks3–5. Taking high-strength
aluminum alloys as an example, it is difficult to obtain a wide process
window for crack-free components only by adjusting LPBF parameters,
leading to poor formability and deteriorated mechanical properties3,6,7.
Some ceramic particles are added to aluminum alloy powders as external
nucleation sites to refine grain size and suppress hot cracking. For example,
Zhou et al. 8 eliminated hot cracks of 7075 aluminum alloy by adding
submicron Si and TiB2 particles at the same time owing to narrowing the
solidification interval and improving the fluidity, and the tensile strength of
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T6 treated alloy was ~500MPa, but the elongation was <5%. Recently,
elements such as Sc, Zr, andTi have been added to aluminumalloy powders
to generate primary nucleation sites, resulting in high-strength aluminum
alloyswithout cracks. For example, the 1.5wt.%Ti-modifiedAl-Cu-Mgalloy
possesses high ultimate tensile strength of ~426MPa, yield strength of
~293MPa and elongation to failure of ~9 %, which is significantly higher
than the mechanical properties of unmodified alloys due to the elimination
of hot cracks9. Zhu et al. 5 reported that the yield strength and elongation of
the LPBFed Al-6.78Zn-2.53Mg-1.94Cu-0.46Sc-0.23Zr alloy are ~647MPa
and ~11.6% respectively after T6 treatment, which can be attributed to the
strengthening effect caused by η´/Al3(Sc, Zr) nanoprecipitates and other
multi-scale precipitates. Based on these studies, eliminating hot crackswhile
generating high-density nanoprecipitates is an effective way to prepare
AMed high-strength aluminum alloys. Nevertheless, it is undoubted that
there are upper limits on the content of strengthening elements in various
precipitation hardening alloys, and excessively high levels of alloying ele-
ments can damage the formability of LPBF10–12. Therefore, it is necessary to
search for additional strengthening methods for fabricating LPBFed alloys
with super strength, high ductility and low cost.

Interestingly, special thermal history and the extreme metallurgical
conditions during LPBF lead to distribution differences of primary phases
and additional heterogeneous nucleation sites in molten pools, which will
increase the heterogeneity of grain size and residual strain13–15. Post heat
treatment, including solution and aging, is a common method to improve
themechanical properties of heat-treated alloys. If the solution temperature
is higher than the recrystallization temperature, recrystallization will occur,
which usually reduces the strength and improves the ductility16,17. Due to the
extremely fast cooling rate (103 ~ 108K/s) during LPBF, a large number of
dislocations and residual stresses are generated, which provides a driving
force for recrystallization18,19. In the LPBF process of alloys containing pri-
mary phases and additional nucleating particles, the grains are significantly
refined, resulting in a large number of high-energy grain boundaries that
facilitate recrystallization20,21. Therefore, the heterogeneous microstructures
produced by LPBF will have a different response to a particular heat
treatment compared to that of a conventionally-manufactured part, which
will generate hierarchical microstructures with the potential to further
enhance mechanical performance after post heat treatment.

In this work, we design a highly alloyed Al-Zn-Mg-Cu-Nb alloy that is
tailored for LPBF and introduce bimodal grains that can be tuned by post
solution heat treatment to achieve the simultaneous improvement of
strength and ductility. To overcome the typical strength-ductility dilemma
in AM produced age-hardening Al alloys, the following strategy has been
adopted: (1) increasing the content of the main precipitate forming ele-
ments, Zn and Mg, in the pre-alloyed powders ensuring a high number
density of η′ (MgZn2) precipitates in the final state; (2) adding Nb nano-
particles to the powders to promote grain refinement during LPBF for crack
inhibition; (3) implementing a post solution treatment to obtain a bimodal
grain structure by tailoring the volume of the recrystallized grains; and
finally (4) imposing a peak aging heat treatment to achieve the complete
precipitation of η′ nanoprecipitates.

Results
The mechanical properties of the heat-treated alloys with
bimodal grains and nanoprecipitates
After LPBF of the Nb nanoparticle-modified Al-Zn-Mg-Cu powders, a
crack-free and fully equiaxed microstructure is obtained with ultrafine
grains (UFGs) andfine grains (FGs) alternately distributed in each solidified
molten pool, as shown in Fig. 1a, which can be attributed to the strong
nucleation ability of the Al3Nb primary phase22. From Fig. 1a, the volume
faction of theUFGs in the as-built alloy is ~70%,while the volume faction of
the FGs is ~30%. However, a bimodal grain structure formed after 450°C/
20min solution, as shown in Fig. 1b, consists of alternating zones of coarse
grains (CGs) and fine grains (FGs), in which the volume fraction of the FGs
is ~18%. The proportion of CGs increases with the increase of solution
temperature and time (see Supplementary Fig. 1), indicating that the

bimodal structure can be controlled by adjusting solution treatment para-
meters. Upon a further peak aging treatment (120°C/24 h), η′ nanopreci-
pitates having an average size of ~5 nmand an approximately equal number
density are observed in both CGs and FGs zones, as shown in Fig. 1c-h.
Supplementary Figs. 2–4 show that the change of solid solution parameters
has no significant effect on the size and volume fraction of the η´ nano-
precipitates and the peak-aging time. At 450°C, the η´ phase in the as-built
alloy can be completely dissolved within 3min (see Supplementary Note 1
and Supplementary Fig. 6), which implies that sufficient Zn/Mg solutes can
be used for the subsequent aging even after short-time solid solution at
relatively low temperature. Therefore, the contribution of precipitation
strengthening to yield strength is similar in peak aged alloys after different
solid solution treatments.

The tensile engineering stress-strain curves and a summary of the
tensile properties for LPBF samples after various solution treatments and
peak aging are given in Figs. 2a and 2b, respectively. The yield plateau and
Lüders band appear in the tensile curves of the as-built sample, which is
caused by dynamic strain aging due to the dynamic interaction between
movable dislocations and solute atoms23,24. The sample after 450°C/20min
solution and peak aging treatments displays superior strength and good
ductility, with an ultimate tensile strength (UTS) and a yield strength (YS)
as high as 728MPa and 648MPa respectively, and an elongation (EL) of
~5.1%. In contrast, a significant reduction in the strength is observed
for the sample after 490°C/60 min solution and peak aging, in which
the FGs and bimodal grain microstructure almost disappear, although
EL increases to ~6.6%. Furthermore, the strain hardening rate, also
knownaswork hardening rate (θ = dσ/dε, where σ is the true stress and ε is
the true strain), of the sample solution-treated at 450°C/20 min is
improved (Fig. 2c). Therefore, it produced the highest UTS among the
various LPBF-processed Al alloys, including Sc-containing aluminum
alloys (Fig. 2e).

The contributions from grain boundary strengthening (σGB), pre-
cipitation strengthening (σP), solid solution strengthening (σSS), and
dispersion strengthening (σDIS) are estimated in the Supplementary
Note 2. Figure 2d shows that precipitation strengthening is the main
reason for the high strength in the alloys, which can be attributed to the
high number density η´ nanoprecipitates. Supplementary Table 4 repre-
sents the difference between the calculated values and experimental values
of yield strength. Except for the sample treated by 490°C/60min and peak
aging, the calculated strength values of all other samples are lower than the
experimental values. It is inferred that the difference between the calcu-
lated strength and the experimental strength should be come from
Hetero-Deformation Induced (HDI) strengthening caused by the bimo-
dal grains25,26.

The relationship between the bimodal grains and melt pools
during solid solution
Interestingly, the shape of the FGs zone in Fig. 1b is arc-shaped, which is
similar to the shape of the molten pool in Fig. 1a, indicating that they are
inherited from those in the as-built sample. We conducted a quasi-in-situ
electron backscatter diffraction (EBSD) characterization of the as-built
sample prior to and after solution treatment at 450°C/20min (seeMethod).
As shown in Supplementary Fig. 7, the FGs at the bottom of the solidified
molten pool is retained after the solution treatment, while the UFGs at the
topof the solidifiedmoltenpool grows significantly, resulting in the bimodal
grain structure. Moreover, the FGs still maintain the original high angle
grain boundaries (HAGBs, >15°) and low angle grain boundaries (LAGBs,
2° ~ 15°), while the LAGBs in CGs are significantly reduced, suggesting that
the CGs are formed by recrystallization, which is further confirmed by the
release of residual strain in the CGs zones indicated by the kernel average
misorientation (KAM) maps.

Heterostructures of the as-built alloy
As the microstructure of the solidified molten pool is the precursor to the
formation of bimodalmicrostructure after solution treatment, we examined
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the primary phase, grains, dislocations and element distribution in the as-
built sample. Due to the enormous surface energy and extremely small
volume of nanoparticles, Nb nanoparticles on the surface of aluminum
powders can melt within a few microseconds under the action of high-
energy lasers27, and then Al3Nb were formed as a primary phase from the
molten pool, acting as nucleants for aluminumduring solidification. A high
number of primary Al3Nb particles are observed in the UFGs zone (Fig. 3a)

while fewprimaryAl3Nb particles appear in the FGs zone (Fig. 3b). Energy-
dispersive spectroscopy (EDS)mapping shows thatNb is enriched inAl3Nb
in theUFGs regionbut dissolved inAlmatrix in theFGs region, owing to the
faster cooling rate in the center than at the bottom of the solidified molten
pool. This inhomogeneous distribution of the primary Al3Nb particles
(appearing white in the scanning electron microscope (SEM) image) can
alsobeobserved inFig. 1a,which is believed tobe causedbydifferent cooling

Fig. 1 | Microstructures of the LPBF samples prior to and after solution and peak
aging treatment. a A fully equiaxed LPBF microstructure with ultrafine grains
(UFGs) andfine grains (FGs) produced byNbnanoparticlesmodifiedAl-Zn-Mg-Cu
powders in each molten pool (BD represents the build direction). b Bimodal grain
structure after 450°C/20 min solution treatment. c Nanoprecipitates in a CG after

450°C/20 min solution and peak aging. d High-resolution transmission electron
microscope (HRTEM) and Fast Fourier Transform (FFT) of η′ in the CG.
f, g Nanoprecipitates in a FG after 450°C/20 min solution and peak aging. e, h Size
distribution of nanoprecipitates in the CG and FG, respectively.
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rates generated by the complicated solidification history during LPBF28–30.
In our previous work, kinetic analysis demonstrated that decreasing the
cooling rate of the molten pool was beneficial to the formation of Al3Nb

22,
which is also confirmed in related research28. We have calculated that the
critical cooling rate required for the precipitation of the Al3Nb primary
phase in Al melt is ~8.08 × 106 K/s22, as shown in Fig. 3c. When the cooling
rate is lower than the critical cooling rate, the Al3Nb primary phase will be
formed. Otherwise, the Nb element dissolves into the Al matrix. Therefore,
heterostructures were formed in themolten pool. It is worth noting that the
distributionofUFGs andFGs in the solidifiedmolten pool is consistentwith
that of primary Al3Nb particles, demonstrating the excellent nucleating

ability of Al3Nb on Al grains22. Due to the thermal mismatch, stress con-
centration and high-density entangled dislocations are easily generated near
the interface between the cubic Al3Nb particles and Almatrix, which is true
for the UFGs zone (Fig. 3a).

The recrystallization of UFGs zones to form CGs zones can be
understood because of the high driving force provided by the energy
stored in the high-density grain boundaries and dislocations around
the Al3Nb particles. On the one hand, the difference in the coefficient
of thermal expansion between the Al3Nb particles and Al matrix
enabled the formation of a deformation zone around Al3Nb particles,
which in turn promoted recrystallization31,32. At the bottom of the melt

Fig. 2 | Tensile properties of the alloys. aTensile engineering stress-strain curves for
LPBF samples after various solution treatments and peak aging (PA). b Summary of
tensile properties. c Strain-hardening rate curves. d Strength contribution from
different mechanisms in alloys treated by different heat treatments. eComparison of

UTS and elongation to fracture for various LPBF-processed Al alloys. The reference
materials include LPBF-processed AlCu-(Mn)-(Ti)-(Zr)9,56–59, AlMnMgScZr30,60,61,
AlSi10Mg/AlSi10Mg-TiB2 composites62–65, 502466, 5083-Zr67, AlMgSiScZr68,69,
AlZnMg-Sc-Zr70, AlZnMgCu-(Si)-(Sc)-(Zr)3,8,12,71–75, and AlZnMgCu-Ta76.
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pool, a large number of entangled dislocations are distributed around
the Al3Nb primary phase (Fig. 3a), and the residual strain in the FGs
region is larger than that at the topof themelt pool (Supplementary Fig. 7),
indicating the presence of significant distortion zone around
Al3Nb, which provides a substantial driving force for recrystallization and
grain growth. On the other hand, Al3Nb can effectively refine α-Al,
resulting in a significant increase in grain boundary density. A large
amount of enthalpy stored in the high-density grain boundaries promotes
recrystallization20,21.

Heterogeneous distribution of secondary phases during solid
solution
Besides the lower driving force for recrystallization, the precipitation of
secondary phases, mainly S (Al2CuMgNb) and Al7Cu2Fe, are also respon-
sible for the retentionof FGsduring the solution treatment. Thesephases are
observed at grain boundaries of FGs after solution at 480 °C/60min
(Fig. 4a), and the corresponding EDS mapping shows the enrichment
of Cu, Mg, Nb and Fe elements. TEM-EDS shows that the atomic ratio of
(Cu+Nb) to Mg is ~1 (Fig. 4b), indicating Nb atoms dissolved in the FGs

Fig. 3 | Distribution of Al3Nb primary phase and Nb element in the as-built
sample. a TEM-bright field image and corresponding EDS mapping of the UFGs
zone. b TEM-BF image and corresponding EDS mapping of the blue dashed box in

the FGs zone. c Calculated incubation time for the competing Al3Nb primary phase
and α-Al, with two cooling curves representative for the center (orange curve) and
the bottom (bule curve) of melt pools.
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precipitate and replace some Cu atoms in the S phase during solution
treatment. Based on thermodynamic calculations (Supplementary Fig. 8a)
and differential scanning calorimetry (DSC) results (Supplementary
Fig. 8b), the η phase begins to dissolve at temperatures higher than 440 °C
and the S phase begins to dissolve around 480 °C while the Al7Cu2Fe phase
dissolves above 500 °C. Because the diffusion rate (~5 × 10−21 m2 s−1 at
500° C) of Nb in aluminum is very slow33, the solid solution of Nb in the S
phase can increase its stability during solution. Thus, we can conclude that
the retention of FGs benefits significantly from the strong Zener pinning
force34–36 generated by theAl2CuMgNbphase and theAl7Cu2Fe phase at the
grain boundaries, which act as obstacles to recrystallization. In contrast, the
recrystallization of FGs in the sample after 490°C/60min solution treatment
occurred (Supplementary Fig. 1) because the secondary phases were par-
tially dissolved in the Al matrix at 490°C (Fig. 4c).

In summary, the formation of bimodal grains is closely related to the
addition of Nb and the special solidification thermal history of LPBF pro-
cess. And a schematic diagram of the role of Al3Nb primary phase and Nb
element on the microstructure evolution in molten pool during different
solid solution treatments is presented in Supplementary Fig. 9.

Discussion
Common strategies to strengthen alloys include solid solution hardening37,
dislocation hardening38, grain boundary strengthening5, precipitation
hardening23, dispersion hardening, and so on. The main strengthening
mechanism in this alloy is undoubtedly precipitation strengthening. The
bimodal grain structure producedby special solidification thermalhistoryof
molten pools, however, provides an additional strengtheningmechanism in
the additive manufactured alloys: hetero-deformation induced (HDI)
strengthening and HDI work hardening39 (Fig. 2d). Supplementary Fig. 10
shows that the fluctuating microhardness values appear in the sample
treated by 450°C/20min solution and peak aging, where larger average

microhardness values (~228HV) correspond to the FGs zone, are mainly
attributed to smaller grain sizes and the dispersed secondary phases, while
smaller hardness values (~186HV) represent the CGs zone. These zones
with different mechanical properties are mechanically incompatible at
the elastic-plastic deformation stage and plastic deformation stage, leading
to strain partitioning during deformation, where the softer zones usually
sustain higher plastic strain35,40. As shown in Fig. 5a, obvious dislocation
tangles appear in both theCGs and FGs zones after tensile deformation, and
particularly the dislocation density and degree of entanglement in the CGs
zones are higher, indicating larger plastic deformation in CGs zones.

The inhomogeneity of plastic deformation of the CGs and FGs zones is
closely related to strain strengthening and dislocation movement41. The soft
zone (CGs) has strong dislocation storage capacity and tends to preferentially
deformplastically, while the hard zone (FGs) is still under elastic deformation.
In order to adapt to the inhomogeneity of plastic deformation, the strain
gradient tends to be generated at the interface of soft and hard regions20,42.
Pileups of geometrically necessary dislocations (GNDs)20,42,43 are thus gener-
ated to accommodate the strain gradient. As a larger KAMvalue corresponds
to a larger GNDs density (ρGND)

44,45, the plastic strain near the interface
between FGs and CGs (marked by pink arrows) is significantly higher than
that inside theCGs(Fig.5b).TheρGND (ρGND = 2θ

ub,whereθ represents the local
misorientation angle, u is the EBSD step size (250 nm) and b is the Burgers
vector ofAl (0.286 nm)) along the red arrowdirection at the interface between
FGs and CGs is shown in Supplementary Fig. 11, which is higher than that of
pure Al and aluminum matrix composites with heterostructures46,47, further
indicating the pileups of GNDs at the interface. Pileups of GNDs produce a
back stress in the soft zone48,49 while the front stress is developed in the hard
region49,50. The interaction between back stress and front stress producesHDI
stressduringplasticdeformation49,50,whichcontributes to the improvementof
yield strength. In order to confirm the contribution of HDI stress, we carried
out loading-unloading-reloading experiments, as shown in Figs. 5d and 5e.

Fig. 4 | Secondary phases in the FGs zone after solution treatment. a SEM image of
secondary phases after solution at 480°C/60 min and corresponding EDS maps in
the red dashed box. b High-angle annular dark field image EDS mapping of the S

phase at the grain boundaries. cThe S phases partially dissolved in theAlmatrix after
solution at 490°C/60 min.
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There is a larger looparea for the sample solutionedat 450°C/20minandpeak
aging, indicating the bimodal grains promote the HDI stress. The HDI stress
can be calculated as follows18,44,45:

σHDI ¼ ðσr þ σuÞ=2 ð1Þ

where σHDI is the HDI stress, σr is the reloading yield stress, σu is the
unloading yield stress. As shown in Fig. 5f, HDI stress and HDI stress/flow
stress ratio gradually increase with the increase of true strain, implying that
the alloy has obvious work hardening and strength uplift. As shown in
Fig. 2d, it canbe inferred that the contributionofHDI to yield strength in the
samples treated with 450°C/20min solid solution and peak aging is ~10%.
It has been reported that an appropriate strain distribution can be achieved
by adjusting the volume fraction of the coarse/fine region and the grain size
distribution, which enables tunable mechanical properties51,52. In this work,
the ratio of CGs/FGs can be adjusted by changing the printing parameters,
the number of nucleant particles and the post-heat treatment parameters,
thus the desired strength/ductility matching can be achieved.

Figure 5c shows a crack propagation path of the sample during three-
point bending testing, demonstrating an intergranular crack mode in the
FGs zone and a transgranular one in the CGs zone. During tensile defor-
mation, micropores initially form at the weak grain boundaries with the
coarse phases and then aggregate intomicrocracks53,54. Therefore, cracks can
nucleate and propagate quickly through the FGs zone, but will be blunted
and slowed down when they encounter ductile CGs. In addition, the
excellent dislocation storage capacity of CGs helps facilitate work hardening
and thereby enhances the ductility42,45,49,55.

Conclusions
In summary, the as-built heterostructure produced in solidified molten
pools, including alternating FineGrains (FGs) andUltrafineGrains (UFGs)
zones with nonuniformly distributed primary Al3Nb particles, dislocations
and residual stress, provides different driving forces and Zener pinning

sources for recrystallization to create a bimodal grain structure after solution
treatment. The bimodal grain structure provides an additional strengthen
mechanism in the alloys: HDI strengthening and HDI work hardening.
Alongwith excellent precipitation hardening from the high number density
of η′ nanoprecipitates, the improved strength and ductility were achieved.
The strategy we have proposed here is easily implemented with associated
cost savings, and is also applicable to other heat-treated alloys, such as
copper alloys, titanium alloys, magnesium alloys, nickel-based superalloys
and steel, processed via various AM technologies, such as LPBF, direct
energy deposition and electron-beam melting.

Methods
Powders preparation
Al-11Zn-2.4Mg-1.6Cu (in wt.%, if not stated otherwise) ingots with other
trace elements (0.034%Ti, 0.322%Fe, 0.054%Si, 0.215%Cr)were prepared in
an electric resistance furnace using pure Al, pure Zn, pureMg and Al-50Cu
master alloy. Then, the spherical powders were prepared by Ar gas-
atomization (Nantong Jinyuan Intelligent Co., Ltd). Spherical pure Nb
(99.9% purity) nanoparticles with an average size of ~50 nm were com-
mercially purchased from Chaowei Nano Co., Ltd. Aluminum alloy pow-
ders and 1.5% Nb nanoparticles were mixed for 2 h in a TURBULA T2F
planetary shaker-mixer. Figure 6a displays that the morphology of the Nb
nanoparticles-modifiedAl-Zn-Mg-Cupowders.As shown in theyellowbox
of Figs. 6b and 6c, Nb nanoparticles are evenly distributed on the surface of
aluminum alloy powders. As shown in Fig. 6d, the size of the aluminum
alloy powders is approximately normal distribution with average particle
size is ~45 μm (D10 = 23 μm, D50 = 42 μm, D90 = 78 μm). Figure 6e pre-
sents that the sphericity of most powders is more than 90%, implying that
the powder has good fluidity.

Laser powder bed fusion
The LPBF experiments were performed on a 3D printing machine (SLM
Solutions, SLM125HL) equipped with a maximum laser power of 400W.

Fig. 5 | Hetero-deformation structure and hetero-deformation induced
strengthening. a Dislocations in the sample solutioned at 450°C/20 min and peak
aging after tensile. b KAM mapping of the tensile fracture of the sample. c Crack
propagation path of the sample during three-point bending testing. d Loading-

Unloading-Reloading (LUR) curves. e The third hysteresis loop of (d), in which σr
and σu were defined using 5% slope reduction of Young’s modulus. fHDI stress and
the ratio of HDI stress to flow stress derived from the LUR hysteresis loops.
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The laser with a wavelength of 1070 nm and a spot diameter of 79 μmhad a
Gaussian power profile. A relatively large Ar gas flow was used to con-
tinuously purge the printing chamber to reduce the harmful effect of splash
caused by the evaporation of low melting point elements Zn and Mg. The
oxygen content was <100 ppm, and the preheating temperature of the 7075
substrate was ~150 °C. As shown in Supplementary Fig. 12, the printing
strategy with an interlayer rotation angle of 67°. The as-built samples
without obvious cracks were obtained using the optimized process para-
meters (laser power 175W, scanning speed 600mm/min, layer thickness
30 μm, and hatching space 0.12mm), and its relative density measured by
Archimedesmethod is ~99.7%.Owing to the high vapor pressure of Zn and
Mg elements and the instantaneous high temperature of the laser, Zn and
Mg were inevitably burnt off during LPBF, resulting in the actual alloy
composition as Al-9.5Zn-2.2Mg-1.6Cu-1.5 Nb.

Post heat treatment
The post heat treatment process included solid solution andpeak aging. The
sampleswereheated to 450–490 °Cat a rate of 10 °C/min for 0-120min, and
thenwater quenched, which are the frequently used solution parameters for
Al-Zn-Mg-Cu alloys. In order to obtain the highest number density of
nanoprecipitates, peak aging (120 °C/24 h) was performed in an oil bath
furnace.

Microstructure characterization
The microstructure of as-built samples and post heat treated samples were
observed using an optical microscope (OM, OLYMPUS) and a scanning
electron microscope (SEM, TESCAN Mira 3) equipped with an energy-
dispersive spectroscopy (EDS). Samples were etched with a 5 vol.% HF
solution. The bimodal structures were characterized by electron backscatter
diffraction (EBSD, TESCAN GAIA 3), and then the grain size distribution
and coarse/fine grain volume fraction were measured using a Channel 5
Software and an ImageJ Software. In order to facilitate the statistical analysis
of the size of irregularly shaped grains, the equivalent circle method was

adopted. Samples for EBSDanalysis were prepared bymechanical polishing
combined with ion beam surface cutting to remove the surface residual
stress. Bright field (BF) images of precipitates and dislocations were
obtained using a transmission electronmicroscope (TEM, FEI Talos F200X
G2). High resolution TEM (HRTEM) images of precipitates were observed
under the [011] axis of theα-Almatrix. The samples used forTEMwerefirst
mechanically ground to 80 μm and cut into φ3mm discs, and then were
electrochemically thinned in a 25 vol.% nitric acid methanol solution with
the temperature of −30°C and the voltage of ~50V.

In order to investigate the evolution of the bimodal microstructure
during heat treatment, a quasi in-situ EBSD experiment was carried out.
First, the as-built sample for EBSD characterization was prepared by
mechanical polishing combined with ion beam surface cutting. Then, an
area with a size of 1000 × 1000 μm was encircled by a series of hardness
indentations on the surface of the as-built sample, and the evenly distributed
hardness indentations were used as reference coordinates for accurate
positioning. The size of the characterization area includes at least one soli-
dified molten pool and its position was recorded. After EBSD character-
ization of the as-built sample, it was enclosed in a quartz tube and heat
treated under an Ar atmosphere to prevent oxidation. The quasi in-situ
EBSD observation of the heat-treated sample was then performed on the
same area. The experimental data of the quasi in-situ EBSD were analyzed
using channel 5 software.

Microhardness testing
Vickers hardness testing was carried out in the CGs and FGs zones
respectively to characterize the difference in mechanical properties of the
bimodal microstructure on amicrohardness test machine (402 SXV) with a
load of 20 g and a dwell time of 15 s.

Tensile properties testing
A tensile testingmachine (Zwick/Roell Z100) with a strain rate of 1 × 10−3 s−1

was used to test tensile properties at room temperature. To ensure reliability

Fig. 6 | Characterization of Powders. aMorphology of the Nb nanoparticles-modified Al-Zn-Mg-Cu alloy powders. b Surfacemorphology of the powder in the yellow box
of (a). c Element mapping of the surface in (b). d Size distribution of the Al-Zn-Mg-Cu alloy powders. e sphericity of the powders.
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of data, three samples in each state were prepared and the average value of the
tensile properties were calculated.

Three-point bending test
A three-point bending experiment at room temperature was conducted to
investigate the influence of bimodal grain structure on crack propagation
during fracture. Before the three-point bending experiment, a single edge
cut was prefabricated using wire cutting. The experiment was conducted on
a testingmachine (Zwick/Roell Z100)with a strain rate of 0.2 mm/minanda
span of 25mm. In order to preserve the deflection path and morphology
changes of the cracks, the test was stoppedbefore the specimenwas crushed.

Loading-unloading-reloading tensile testing
To calculate the HDI stress, loading-unloading-reloading tensile tests were
carried out at room temperaturewith a strain rate of 1 × 10−3 s−1 on a testing
machine (Instron 5565). The unloading strain rate is the same as the loading
strain rate.

Data availability
All datasets generated and analyzed throughout thiswork are available from
the corresponding author upon reasonable request.
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