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Hybrid nanostructured aluminum alloy with super-high
strength

Zhi Wang1,2, Rui T Qu3, Sergio Scudino1, Bao A Sun1, Konda G Prashanth1, Dmitri V Louzguine-Luzgin2,
Ming W Chen2, Zhe F Zhang3 and Jürgen Eckert4,5

Methods to strengthen aluminum alloys have been employed since the discovery of the age-hardening phenomenon in 1901.

The upper strength limit of bulk Al alloys is ~ 0.7 GPa by conventional precipitation strengthening and increases to 41 GPa

through grain refinement and amorphization. Here we report a bulk hybrid nanostructured Al alloy with high strength at both

room temperature and elevated temperatures. In addition, based on high-resolution transmission electron microscopic

observations and theoretical analysis, we attribute the strengthening mechanism to the composite effect of the high-strength

nanocrystalline fcc-Al and nano-sized intermetallics as well as to the confinement effect between these nano phases. We also

report the plastic deformation of nano-sized intermetallics and the occurrence of a high density of stacking faults and twins in

fcc-Al after low-strain-rate deformation at room and high temperatures. Our findings may be beneficial for designing high-

strength materials for advanced structural applications.
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INTRODUCTION

Aluminum (Al) is one of the most widely used nonferrous metals for
structural applications owing to its positive combination of low
density, high specific strength, high corrosion resistance, good
machinability and excellent recyclability.1 Driven by the requirement
to increase the low strength of pure Al, efforts to develop high-
strength Al alloys have been ongoing since Alfred Wilm discovered the
age-hardening phenomenon in 1901.2,3 Over the past century,
methods based on a variety of strengthening theories, including solid
solution and precipitation strengthening, work hardening and grain
boundary (GB) strengthening, have gradually been established.4

Application of these strengthening mechanisms has led to the
development of a series of engineered Al alloys with improved
strength. However, the yield strength level of these Al alloys is, in
general, limited to ~ 700MPa.5

Recently, the development of high-strength Al alloys has been
carried out through two main approaches:5–11 (1) the creation of
ultra-fine-grained or nanocrystalline (NC) Al alloys that, owing to
their refined microstructure, display very high strength along with
appreciable plasticity, and (2) the production of Al-based metallic
glasses (MGs) that are free of crystalline defects such as GBs or
dislocations and thus have very high strength. Although these
approaches are quite effective for the production of high-strength Al
alloys, critical limitations still exist. For example, the achievable sizes of
Al-based MGs are rather limited (generally ⩽ 1mm) by the poor glass-
forming ability of Al-based alloys.12 In addition, the non-equilibrium

state and the poor thermal stability of the NC or MG Al alloys limit
their use at high temperatures.12,13 An alternative approach to
preparing NC materials is to crystallize amorphous solids under
appropriate heat treatment conditions.12,14–17 Although this provides
a successful method to synthesize Al alloys with strengths approaching
the maximum, it does not offer good control over the microstructure
and resulting properties, which are essentially determined by the
crystallization behavior of the amorphous precursors. Here we report a
microstructural strategy for the production of Al-based alloys with
super-high strength and elucidate the strengthening mechanisms.

EXPERIMENTAL PROCEDURES
Powders with nominal composition Al84Ni7Gd6Co3 (at.%) were produced by
the Ar gas atomization method. Milling experiments were carried out using a
Retsch PM400 planetary ball mill (Retsch GmbH, Düsseldorf, Germany) under
protective argon atmosphere (for additional details, see Wang et al.18). To avoid
any possible contamination during the course of milling, powder charging and
any subsequent sample handling were performed in a Braun MB 150B-G glove
box (M.Braun GmbH, München, Germany) under purified argon atmosphere
(o1 p.p.m. of O2 and H2O). The oxygen content analysis was performed via
carrier gas-hot extraction using a LECO USA TC-436 DR analyzer (LECO Co.
Ltd., St. Joseph, MI, USA). The iron content was evaluated using a CARL ZEISS
Specord M500 Spectrophotometer (Carl Zeiss Jena GmbH, Jena, Germany).
A series of Al84Ni7Gd6Co3 bulk cylinders (diameter 10mm and length
~ 10mm) were produced by hot pressing at 640MPa and Thp= 773 K using
gas-atomized powders (HP0) and powders milled for 50 h (HP1) and 100 h
(HP2). Approximately 2–3.5 g of powder was first placed in a die of 10mm
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diameter and then preloaded to 20 kN. To minimize the risk of oxygen
contamination, the chamber was evacuated to approximately 1× 10− 4 Pa
before hot pressing for degassing. Once the desired hot pressing temperature
was reached, hot pressing was performed isothermally for 3 min of dwell time.
After hot pressing, argon was purged to remove the samples from the chamber.
Phases and microstructures were studied by X-ray diffraction using a Philips
PW 1050 diffractometer (Philips, Eindhoven, The Netherlands) (Co K
radiation), by scanning electronic microscopy (SEM) using a Leo Gemini
1530 microscope (Zeiss, Oberkochen, Germany) equipped with energy-
dispersive X-ray (EDX) and by transmission electron microscopy (TEM) using
a Philips Tecnai F30 microscope (FEI, Eindhoven, The Netherlands) operating
at 300 kV with an EDX and JEOL HRTEM 2100 (JEOL Ltd., Tokyo, Japan)
with a field-emission gun. In accordance with the ASTM standard for
compression testing, cylinders with a length/diameter ratio of 2.0 (6mm in
length and 3mm in diameter) were prepared from the consolidated samples.
The specimens were tested at room temperature using an Instron 8562 testing
facility (Instron Co., Norwood, MA, USA) under quasistatic loading (strain rate
1× 10− 3 s− 1) and at elevated temperatures using an Instron 8562-3 machine
(strain rate of 1× 10− 4 s− 1), and at least three specimens were randomly
selected and tested for each parameter. The microhardness measurements were
carried out using an HMV Shimadzu Vickers hardness testing machine
(Shimadzu Co. Ltd., Kyoto, Japan). The hardness values reported here are
the averages of 425 indentations per sample. The Young’s modulus was
measured using a MATEC 6600 ultrasonic system (Matec Instrument
Companies Inc., Northborough, MA, USA) on plane parallel samples with
~ 10mm diameter and ~10mm length. Nanoindentation was performed at
room temperature using an Agilent NanoSuite Nanoindentation G200 (Agilent
Technologies, Santa Clara, CA, USA) equipped with a Berkovich tip. A constant
indentation strain rate ((dP/dt)/P) of 0.05 s− 1 was used in the present study.

RESULTS AND DISCUSSION

The microstructural strategy for developing high-strength Al alloys
was tested on the Al84Ni7Gd6Co3 alloy, which was selected because its
component elements have negligible solubility in Al; therefore, several
intermetallics can be formed.18 Our processing strategy consists of
three steps: gas atomization, ball milling, and hot pressing, as
illustrated in Figure 1. Gas atomization is used to produce the
amorphous particulate precursor (Figure 1a). The rapidly cooled
small gas atomized particles are amorphous, whereas the slowly cooled
large particles display minor amounts of fcc-Al and Al19Gd3Ni5
phases.18 The powders were then treated by ball milling, a severe
plastic deformation process that we used in order to vary the
microstructure and crystallization behavior of the amorphous pre-
cursor (Figure 1b). Finally, the powders were consolidated into highly
dense bulk samples by hot pressing at a relatively high temperature,
at which the combined devitrification and consolidation of the
amorphous particulate precursor occurred (Figure 1c). Through
this method, a series of Al84Ni7Gd6Co3 bulk specimens labeled HP0
(ball milling time, tbm= 0 h (that is, as-atomized); hot pressing
temperature, Thp= 773 K), HP1 (tbm= 50 h; Thp= 773 K), HP2
(tbm= 100 h; Thp= 773 K) and HP3 (tbm= 100 h; Thp= 673 K) were
synthesized.
The milling step has a fundamental influence on the final

microstructure of the consolidated samples. At the initial stage of
milling, the small amorphous particles adhered to the surface of the
larger crystalline particles (which remained relatively unaffected); with
an increased milling time, they formed particles with a composite
structure consisting of an irregular amorphous layer that completely
covered the crystalline core (Figure 1b2). The microstructure of the
bulk samples, which clearly resembled the composite structure of the
parent milled powder (compare Figures 1b2 and c2), consisted of
regions with coarse precipitates surrounded by regions containing fine
nanoscaled phases. The volume fraction of the fine precipitate regions

in the consolidated samples increased with increasing milling time,
from ~0 vol.% (tbm= 0 h) to ~ 64 vol.% (tbm= 100 h); conversely, the
volume fraction of the coarse precipitate regions decreased with
milling time, as shown in Supplementary Figure S1a. The size
distribution of the coarse precipitate regions in HP2 is shown in
Supplementary Figure S1b, which has an average diameter of ~ 17 μm.
The size and volume fraction of the coarse precipitate region were
estimated from the SEM images. No exothermic peak due to crystal-
lization is evident in the differential scanning calorimetry curve of HP2
(compare Figures 1a4 and 1c4), which indicates that full devitrification
was achieved in the consolidated bulk sample. The main requirement
to obtain this unique structure is the negligible solid solubility of the
components in Al, which allows the formation of intermetallic phases,
and the ball milling procedure can vary the volume fraction and size of
the phases precipitated from the amorphous matrix. The content ratio
between Al and the unsolvable elements will affect the final micro-
structure, including the volume fraction of the fcc-Al and intermetallic
phases.
After the consolidation process, the samples exhibit low porosity

and have a density in the range of 3.7–3.8 g cm− 3. Figure 2 displays
the typical microstructure feature of HP2. The bright area in the
optical micrographic image shown in Figure 2a, which corresponds to
the black inter-particle area in the SEM image in Figure 1c2, is pure
fcc-Al phase rather than pores, according to the EDX analysis (see
Supplementary Figure S2). Further TEM analysis (Figure 2b) shows
that the submicron pores are also difficult to find in the inter-particle
area. From Figure 2c, one can see that the boundary between particles
is discontinuous, and a thin amorphous layer with a thickness o5 nm
can be seen. The amorphous GB phase is probably the surface
oxidation layer of the particles. Based on chemical analysis, the oxygen
content and iron content of the milled 100-h powder are approxi-
mately 0.69 wt% and 0.08 wt%, respectively. The oxygen content in
the milled powder is not low. Nevertheless, the amorphous oxide
surface of the particle is broken down, which may occur both in the
milling process owing to severe plastic deformation and in the
subsequent consolidation process owing to high temperature and
pressure.
A bimodal-like microstructure consisting of the regions with coarse

and fine precipitates is shown in Figures 2d–f. The enlarged SEM
micrograph of the coarse precipitate region further confirms that the
dark areas in the coarse and fine precipitate regions are the Al phase
rather than pores (see Supplementary Information S3). Analysis of the
microstructure shows that the volume fraction of the fine precipitate
region (refer to Supplementary Information S4 for the detailed
method of measuring the volume fraction) increases from 0 vol. %
for HP0 to ~ 43, ~ 64 and ~ 100 vol. % for HP1, HP2 and HP3,
respectively, which indicates that the temperature and pressure used in
the consolidation process have a significant influence on the micro-
structure of the bulk alloys.
In addition to the bimodal structure of the coarse and fine

precipitate regions at the microscale, at the nanoscale the material
exhibits hybrid structures that consist of nanometric rod-like phases,
equiaxed particle-like phases and matrix, as shown in Figure 3.
A combination of X-ray diffraction analysis, EDX analysis and
selected-area diffraction identifies the nanometric rod-like phases
as Al19Gd3Ni5 intermetallic compounds; the equiaxed phases are
mixtures of Al3Gd and Al9Co2, and the matrix is fcc-Al. In the fine
precipitate regions, fcc-Al has a very fine grain size of ~ 80 nm,
whereas the rod-like Al19Gd3Ni5 is ~ 30 nm wide and ~130 nm long,
and the average size of the Al3Gd and Al9Co2 phases is 100–250 nm.
By contrast, the sizes of these phases in the coarse precipitate regions
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are slightly larger: the average grain size of fcc-Al is ~ 90 nm and the
length of the Al19Gd3Ni5 rods is ~ 230 nm (see Supplementary
Figure S4 and Table 1 for further details). The interfaces between
these phases are continuous and well bonded, as demonstrated by the
high-resolution TEM shown in Figure 3e.

Mechanical properties
Figure 4a shows typical compressive true stress–strain curves of
the consolidated bulk samples at room temperature. Both the yield
(0.2% offset) and ultimate strengths increase with increasing milling
time from ~0.93 and ~ 1.28 GPa for HP0 (tbm= 0 h) to ~ 1.37 and
~ 1.77 GPa for HP2 (tbm= 100 h). The high strength is accompanied
by a strain to fracture of ~ 5%. By controlling the consolidation
temperature, the microstructure (for example, the volume fraction of
the fine precipitate regions) can also be tuned. For example, HP3 with

Thp= 673 K exhibits a microstructure that consists of nearly 100%
fraction of fine precipitate regions and hence has a high yield strength
of ~ 1.68 GPa. The high strength of the present Al alloys can also be
retained at elevated temperatures. The compressive strength at 523 K
increases from 0.91 GPa for HP0 to 1.08 GPa for HP2 (Figure 4b). At
a higher testing temperature (623 K), the compressive strength of both
alloys also maintains a high level of 0.45 GPa. The high strength at
elevated temperatures indicates that the hybrid microstructure of
the present alloys is more thermally stable than those of other
nanostructured Al alloys. To the best of our knowledge, the present
Al alloys exhibit the highest compressive strength at both room and
high temperatures among all Al alloys reported to date, as summarized
in Figure 4c.
In addition to the high strength, these alloys have a high Young’s

modulus (E). For example, E= 119 GPa for HP2, which is much

Figure 1 Processing of the Al84Ni7Gd6Co3 alloys: Gas atomization (a(1–4)), ball milling (b(1–4)) and hot pressing (c(1–4)). Schematic processing methods
(a1, b1 and c1) and corresponding SEM backscattered electron (BSE) imaging (a2, b2 and c2), XRD (a3, b3 and c3) and differential scanning calorimetry
(a4, b4 and c4) results of obtained microstructures. The powder in panel a2 was as-atomized. The powder in panel b2 was milled for 50 h. The
microstructure shown in panel c2 corresponds to sample HP1.
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higher than the values for common Al alloys (typically o80 GPa).19

Although the strength and Young’s modulus are very high, the density
of the present alloys is rather low (~3.75 g cm− 3) owing to high Al
content. This leads to excellent specific properties of the present alloys;
for example, the specific strength of HP2 is 496 kNm kg− 1 and its

specific Young’s modulus is 32MNmkg− 1. By tuning the processing
conditions, different Al alloys with adjustable microstructures and
properties can be synthesized, which adds a new and promising region
to the Ashby map of specific yield strength versus the specific Young’s
modulus, as shown in Figure 4d.

Figure 2 Microstructures of the hot-pressed Al84Ni7Gd6Co3 alloys. (a) Optical micrograph image of sample HP2 showing the inter-particle area. (b) Bright-
field TEM image of triple inter-particle area. (c) High-resolution TEM image of interface between the consolidated particles. (d–f) SEM BSE images of sample
HP2 showing fine and coarse precipitate regions.

Figure 3 Microstructures and phases of the hot-pressed Al84Ni7Gd6Co3 alloys. (a) XRD patterns for HP2 and HP0, indicating a large volume fraction of
intermetallic compounds. (b) STEM image of HP2 displaying a hybrid nanoscaled structure with NC fcc-Al and nanometric intermetallics. Points 1–3 were
analyzed by EDX, and the results are listed in Supplementary Table S1. (c, d) Bright-field TEM of HP2. (e) High-resolution TEM (HRTEM) image of the
rectangle area in panel (d), revealing well-bonded interfaces between NC fcc-Al and the intermetallic phases.
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Strengthening mechanism
These high strengths originate from the unique microstructures. As
observed in Figures 2 and 3, the present alloys exhibit several unique
structural features: (1) nanoscale fcc-Al, which makes the commonly
soft fcc-Al very strong owing to the GB strengthening mechanism; (2)
a large volume fraction of intermetallic phases, which are much harder
than the fcc-Al (see Table 1 and Supplementary Table S2), contributes
to the strengthening through a composite effect; (3) the nanoscale
dimensions of the intermetallic phases, which make the intermetallics
tougher than their coarse counterparts (for example, see Figure 6)
while exhibiting high intrinsic strength without premature fracture
(see Supplementary Table S2); and (4) the well-bonded phase
boundary and/or interfaces, which not only avoid the premature
crack initiation and fracture but also, importantly, provide a high
confined effect between fcc-Al and intermetallic phases, as illustrated
in Figure 5. The negligible solubility of component elements and lack
of fine precipitates observed in fcc-Al by TEM observations and
STEM-EDX indicate that the Orowan strengthening effect may be
weak in these materials.
In the fine precipitate region, two types of phases can be observed:

the fcc-Al matrix and the intermetallic phases. The strength of this
composite-like microstructure can be described by the rule of
mixtures,4 which considers the properties of a composite to be the
volume-weighted averages of the components’ properties and assumes
that the components are non-interacting during deformation. If sIM
and σAl are defined as the strengths of intermetallics and fcc-Al,
respectively, and f IM and fAl are the volume fractions of intermetallics
and fcc-Al, respectively, then the strength scy of the composite due to
composite effect can be written as

scy ¼ f AlsAl þ f IMsIM : ð1Þ
This predicts a linear relationship among strengths of all phases and
the composite, as illustrated by the straight line drawn in Figure 5a.
In addition to the rule of mixture, the strength of the composite can

be further enhanced by the grain refinement of the constituent phases.

The dislocation-dominated GB strengthening is often described by the
Hall–Petch relation,4 which predicts a dramatic enhancement of
strength with decreasing grain size, as illustrated in Figure 5b. In the
present alloy, the grain size of the fcc-Al matrix was successfully
reduced to ~ 80 nm, which is near the optimal grain size of ~ 40 nm
required to achieve the maximum strength.20 Furthermore, the
dimensions of the intermetallics are on the nanomicron or submicron
scale. Investigations of alloys with intermetallic phases showed that
the reduction of sample dimensions from bulk to the microscale
or nanoscale strongly influence their strengths.21 For example,
Uchic et al.21 found that the Ni3Al-1%Ta alloy exhibits ~ 10 times
higher strength when the sample dimensions decrease to the
submicron scale. Here the strengthening effect of the nano-sized
intermetallics (Figure 5d) in the present alloys is similar to the
strengthening concept in some composites by refining the dimensions
of the reinforcing second phases.22 For example, the addition of
nano-sized particles or carbon nanotubes instead of conventional
micrometer-scaled fibers has dramatically enhanced the strength of
many Al matrix composites.23 Therefore, by refining the microstruc-
ture such as the grains of fcc-Al and the size of intermetallic phases,
the strength of each phase is expected to be greatly enhanced, and the
strengths of the composites, depending on the volume fracture of each
nano phase, may be estimated by the rule of mixtures (Equation (1)),
as plotted by the red line in Figure 5a. The refinement of the
microstructure may be a key contributor to the high strength in the
present alloy; however, the magnitude of the strength contribution is
difficult to measure owing to its structural complexity.
Usually, the strengths of brittle materials such as MGs, NC

materials, ceramics and intermetallics are sensitive to confined
pressure,24,25 and these materials show a tension-compression strength
asymmetry and higher hardness values H than those predicted by the
equation H= 3σy.

26 This difference can be understood by analyzing
the fracture strength under confining stress states. Using a recently
developed fracture criterion for high-strength materials,25 we have
derived the effective shear yield stress for compressive-type stress states
in the form of principal stresses as

ty ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2þ a2ð Þt20=2þ a2s1s3=2

q
: ð2Þ

where σ1 and σ3 are the maximum and minimum principal
stresses, respectively; τ0 is the critical shear fracture stress; and α is a
material constant (see Supplementary Information S6). Becauseffiffiffiffiffiffiffiffiffiffi
s1s3

p p s1 þ s3ð Þ=2, one can define
ffiffiffiffiffiffiffiffiffiffi
s1s3

p
as the confining stress

to characterize the magnitude of confinement. For ductile materials
with low α, the confining pressure has only a small influence.
However, Equation (2) indicates that if the confinement is very high,
the strength may also be enhanced significantly, which is evidenced by
the observed significant increase in strength (up to two orders of
magnitude) for iron and tungsten at confining pressures of 200–300
GPa.27 Intermetallics are rather brittle and have a relatively large α;
hence, the confinement is expected to significantly influence the
strength of intermetallics. Moreover, strength asymmetry was observed
in NC fcc-Al,20 which implied that the strength of fcc-Al could
also be affected by the confinement. According to Equation (2), we
plotted the influence of the confining stress on strength in Figure 5c.
Under a high confining stress

ffiffiffiffiffiffiffiffiffiffi
s1s3

p
, the strengthening induced

by the confining effect may be considerable. Because all phases are
very strong and the interfaces between them are well bonded, there
must be significant inter-confinement among phases, and the effect
of confinement on strength is expected to be very important for the
present alloys. Because the unique microstructure originates during

Table 1 Volume fraction, nanohardness and Young’s modulus of the

phases in coarse and fine precipitate regions

Phases

Volume

fraction (%)

Nanohardness

(GPa)

Young’s modulus

(GPa)

In fine precipitate region 7.0±0.5 148.3±9.0

fcc-Al 21±3 1.3±0.1 74±6

Al19Gd3Ni5 19.5±5 5.9±0.5 185±4

Al9Co2 — 9±0.8 181±10

Al3Gd — 6±0.2 121±2

Al9Co2-Al3Gd 59.5±5 6–9 121–181

According to mixture law 4.9–6.78 124–159

In coarse precipitate

region

5.4±0.4 146.8±4.8

fcc-Al 23.6±3 1.3±0.1 74±6

Al19Gd3Ni5 59.9±3 5.9±0.5 185±4

Al9Co2 — 9±0.8 181±10

Al3Gd — 6±0.2 121±2

Al9Co2-Al3Gd 16.5±5 6–9 121–181

According to mixture law 4.83–5.33 148–158

Nanohardness and Young’s modulus in this table are obtained from nanoindentation. Because
Al9Co2 and Al3Gd always mix together in the microstructure, to facilitate easier calculation, they
are taken as one phase and labeled as Al9Co2-Al3Gd phase. Al9Co2-Al3Gd phase then has
minimum and maximum values for Young’s modulus nanohardness.
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material preparation, the high inter-confinement may be introduced
during the final hot pressing stage. Upon compressive loading,
both the internal and external confinements have key roles in
suppressing the premature fracture of brittle phases such as inter-
metallics and increasing the shear resistance of the NC fcc-Al, and a
higher strength than the value estimated by composite strengthening
should eventually be expected. This can be semi-quantitatively
elaborated by the following experimental evidence. Because of the
limited dimension, it is difficult to directly measure the strength of the
individual phases in the present alloys. Instead, dual-phase alloys of
Al-Al19Gd3Ni5, Al-Al3Gd and Al-Al9Co2 with microscale phase
dimensions were produced, and Vickers hardness and nanoindenta-
tion were used to determine their resistance to failure in microscale
and nanoscale volumes (Table 1 and Supplementary Table S2). The
nanohardness linearly scales with the yield strength of nanoscale
pillars28 and can thus represent the effect of the nanoscale dimension
of the phases on strength. Furthermore, according to the rule of
mixture, the composite effect on strength can be estimated based on
the measured nanohardness and volume fraction. The calculated
nanohardness of the fine precipitate regions in HP2 is in the range
of 4.99–6.78 GPa, which is lower than the measured value of 7 GPa.
Similar results were observed for the coarse precipitate regions (the
calculated nanohardness= 4.83–5.33 GPa, whereas the measured
nanohardness= 5.4 GPa). Higher hardness values were measured

directly with the current material compared with those calculated
according to the rule of mixtures, which suggests that the internal
confinement among phases must affect the overall strength. This is
also corroborated by the smaller difference between the measured and
calculated hardness values in the coarse precipitate regions than those
in the fine precipitate region because of the weaker confinement.
Accordingly, with the effect of confinement, the strength level can be
further increased above the estimation based on the composite effect
of refined microstructures, as schematically sketched by the blue line
in Figure 5.
The internal confinement inside the present alloys could effectively

prevent the brittle intermetallics and NC fcc-Al from premature
fracture and thereby provides an opportunity for plastic deformation,
which can be verified by the observations of deformation twins in the
fcc-Al and the bending deformation of the intermetallic phases. A high
density of stacking faults (SFs) and deformation twins are clearly seen
in the fcc-Al in HP2 after room-temperature deformation at a low
strain rate of 10− 3 s− 1. These SFs, which have a width of 4–25 atomic
planes (~1–6 nm), lie parallel to the {111} planes. Because of the high
density of dislocations (1.5–3×1016 m− 2) and SFs (Supplementary
Figure S8), most of the fcc-Al lattice underwent severe lattice
distortion. As a result of the severe deformation conditions,
the presently observed high density of SFs and twins confirms the
existence of high local confined stresses in the fcc-Al phase. The

Figure 4 Mechanical properties. (a) Room-temperature true stress–strain curves under uniaxial compression. (b) Compressive true stress–strain curves at
elevated temperatures for HP0 and HP2. (c) Comparison between the present alloys and other Al alloys with the compressive ultimate strength versus testing
temperature. Data for the other materials are taken from the literature.15,31–35 (d) Ashby map of specific yield strength versus specific Young’s modulus.
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confined effect and nanoscale dimensions also make the brittle
intermetallic phases deformable. In the present alloy, plastic bending
of the nanometric Al19Gd3Ni5 was observed after compression testing
at both room and elevated temperatures, as shown in Figure 6. Angles
of 3° and 8° between the diffraction patterns of both unbent and bent
areas of the same plane can be observed in single-phase Al19Gd3Ni5
intermetallics at room temperature (Figure 6d) and elevated tempera-
ture (Figure 6g), respectively. The maximum strain on the tensile side
of the bent intermetallic rod can be approximated by29: ε ¼ d=2R0,
where d is the thickness of the intermetallic rod and R0 is the
curvature radius. According to this equation, the bent strains for
Al19Gd3Ni5 rods A and B displayed in Figure 6e are 2.8% and 3.5%,
respectively, which indicates that these phases exhibit intrinsic strength
rather than the flaw-controlled strength usually observed in bulk and
unconfined samples; furthermore, they can suppress the crack
initiation and propagation, thereby contributing to the overall
strength.
In principle, the confined effect suppresses the tendency for cleavage

fracture. Furthermore, the unique hybrid microstructures in these
alloys make the crack propagation rather difficult. First, the relatively
soft fcc-Al phases are isolated by the intermetallic phases, which thus
zigzags the crack propagation pathway along the weakest zones
(see Figure 6h). Second, the mechanically bimodal structure of the
coarse and fine precipitate regions enhances the resistance to crack
propagation by crack-tip blunting, as shown in Figure 6i. It has already
been proved that the bimodal structures are beneficial to achieving a
combination of good ductility and high strength;30,31 the bimodal
microstructure may also enhance the mechanical stability of the
high-strength alloys in this work.

Figure 5 Schematic illustration of the strengthening mechanism.
(a) Summary of the strengthening contributions acting in the present Al
alloys. All values in the figure are the nanohardness taken from the bulk
samples. (b) GB strengthening of NC fcc-Al. (c) Confining effect of NC fcc-Al
on the strength of intermetallics. (d) Size effect for the nanometric
intermetallics. Red stars represent the situations corresponding to the
present Al alloys. τ0 is the shear yield stress under pure shear.

Figure 6 TEM observations of HP2 after compression deformation at room temperature and at 523 K. Compression deformation at room temperature:
(a) bright-field TEM image of NC fcc-Al grain surrounded by intermetallics, (b) HRTEM image of NC fcc-Al close to twin boundary (TB) in image (a),
(c) selected-area diffraction pattern of the NC fcc-Al grain in image (a), and (d) selected-area diffraction pattern of image (a). (h, i) SEM image of the
fractured sample surface after polishing and the schematic illustration of crack propagation. Compression deformation at 523 K: (e) a bright-field TEM
image with a selected-area diffraction pattern in the inset, (f) HRTEM image of the rod-like Al19Gd3Ni5 intermetallic labeled as A in image (e), and
(g) a one-dimensional Fourier-filtered image of image (e) with a selected-area diffraction pattern in the inset.
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CONCLUSIONS

In summary, a microstructural strategy for the production of
high-strength Al-based alloys has been developed. The obtained
microstructures, which consist of isolated nanoscale fcc-Al and
intermetallic compounds, lead to high strength at both room and
high temperatures. The basic principles for achieving such high
strength are based on the creation of unique hybrid microstructures
through the optimization of the processing conditions. The high
strength is attributed mainly to the composite structure and the effect
of confinement among the nano-sized fcc-Al and intermetallic phases.
It was found that the confining effect could effectively suppress the
premature brittle fracture of the intermetallics and the NC fcc-Al, thus
offering the possibility to deform plastically and to exhibit intrinsic
strength rather than the flaw-controlled strength. The microstructural
strategy can, in principle, be applicable to other materials and may
thus provide a potential approach to developing high-performance
hybrid materials.
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